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Abstract

3-D molecular dynamics (MD) analyses of SiC—Si3N4 nanocomposite deformation and SiCO nanocomposite deformation are performed at 300 K,
900 K, and 1500 K. In SiC-Si3N4 nanocomposites, distribution of second phase SiC particles, volume fraction of atoms in GBs, and GB thickness
play an important role in temperature dependent mechanical behavior. The deformation mechanism is a trade-off between the stress concentration
caused by SiC particles and Si;N4—Si3 N4 GB sliding. The temperature increase tends to work in favor of GB sliding leading to softening of structures.
However, microstructural strength increases with increase in temperature when GBs are absent. In the case of SiCO nanocomposites, findings
indicate that temperature change dependent amorphization of nanodomains, the nanodomain wall placement, the nanodomain wall thickness, and
nanodomain size are important factors that directly affect the extent of crystallinity and the strength against mechanical deformation.

© 2010 Elsevier Ltd. All rights reserved.
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1. Introduction

Silicon carbide (SiC)-silicon nitride (Si3N4) nanocomposites
and silicon oxide-carbide (SiCO) nanocomposites are two future
important high temperature materials. SiC—Si3N4 nanocompos-
ites with nano-sized SiC particles placed either in micro-sized
Si3Ny grains or along Si3zN4 grain boundaries (GBs) have been
shown to be exceptionally strong at a range of temperatures.' ™
Factors that affect the strength of the SiC-Si3N4 nanocompos-
ites can include the second phase SiC particle placement and
clustering along SizN4 GBs, the SiC particle size, Si3sN4 grain
size, and Si3N4 matrix morphology. Similarly SiCO nanocom-
posites have been shown to be promising for high temperature
applications.®® Two different morphological forms of SiCO
nanocomposites have been proposed in the literature: (1) mor-
phologies in which SiO; nanodomains are separated by graphitic
carbon nanodomain boundaries,®!? and (2) morphologies in
which SiC and SiO, nanodomains are mixed together.” Fac-
tors that could affect the temperature dependent mechanical
strength of such nanocomposites include nanodomains size,
thickness of nanodomain boundaries, size of SiC and SiO; nan-
odomains, etc. With such varied factors affecting temperature
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dependent mechanical strength, an understanding of how such
factors individually influence the nanocomposite properties is
required. Such understanding can be extrapolated to fundamen-
tal developments on combined effects of such factors on the
nanocomposite mechanical strength using analytical relations.
Since most microstructural features are at the nanoscale, an indi-
vidual understanding of property influencing factors requires
atomistic analyses.

Recently, the effect of morphological variations resulting
from second phase SiC particle placement and changes in GB
strength on the room temperature fracture strength of SiC—Si3Ny
nanocomposites was analyzed using a mesoscale cohesive finite
element method (CFEM) and using molecular dynamics (MD)
based analyses.!!"!* The analyses have revealed that high
strength and relatively small sized SiC particles act as stress
concentration sites in SizNy matrix leading to inter-granular
Si3N4 matrix cracking as a dominant nanocomposite failure
mode under dynamic loading. At high SiC volume fractions that
peak at approximately 30%, the CFEM analyses have revealed
that due to a significant number of nano-sized SiC particles being
present in micro-sized SizNy matrix, the SiC particles invariantly
fall in the wake regions of microcracks leading to significant
increase in fracture resistance. This finding was mechanistically
confirmed in the room temperature MD analyses that revealed
that particle clustering along the GBs was more effective than
particles being placed on GBs in increasing the nanocompos-
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Fig. 1. Set of Si-C-N atomistic microstructures analyzed.

ite mechanical strength. Since both CFEM and MD analyses
were performed at room temperature, the role of temperature in
changing the explained mechanisms remains to be analyzed.

The SiC-Si3N4 nanocomposite analyses have so far assumed
the presence of sharp interfaces and GBs (interfaces at which
transition from one phase to another is immediate with zero
interface width and GBs where such transition is immediate with
zero GB width). In reality, while some SiC—Si3zN4 nanocom-
posite morphologies have sharply defined interfaces, e.g. TEM
image shown in Fig. 10 on SiC-Si3Ny interfaces by Ref. 15,
other SiC-Si3N4 nanocomposite morphologies have diffusion
of C, N, or Si atoms at the interfaces and GBs resulting in
both having a finite width.!® In the present work, classical MD
based nanoscale mechanical strength analyses at 300 K, 900 K,
and 1500 K are performed to analyze the effect of SiC particle
placement with respect to SizN4 GBs and the effect of change in
SizN4 GB and SiC-Si3Ny interface thicknesses on temperature
dependent mechanical strength of SiC—Si3N4 nanocomposites.
Similar analyses in the case of Si—-C—O nanocomposites focus
on the effect of nanodomain size, the effect of changes in domain
boundary thickness, and the effect of change in SiCO morphol-
ogy type on the resulting temperature dependent mechanical
strength.

Classical MD replaces a comprehensive quantum mechan-
ical treatment of interatomic forces with a phenomenological
description in the form of an interatomic potential. Classical
MD based atomistic analyses of the nanocomposite mechanical
deformation as a function of phase morphology are relatively

new and have focused on a very limited sets of issues in metal-
lic, polymer—clay, and ceramic nanocomposites.!’2! Both SiC
and Si3Ny have been individually analyzed in the atomistic sim-
ulations for different mechanical strength related issues.?> 2>
However, SiC-Si3Ns nanocomposite morphologies are ana-
lyzed in this work for the first time for understanding temperature
dependent strength. This work is an extension of our earlier work
on understanding the effect of SiC particle clustering and SiC
particle size on the room temperature mechanical strength of the
SiC-Si3N4 nanocomposites using classical MD. 314 In the case
of SiCO nanocomposites, the present work is the first atomistic
study of the nanomechanical deformation.

2. Formulation

In the case of SiC-Si3N4 nanocomposites, 3-D morpholo-
gies with cylindrical SiC particles distributed along different
configurations of SizN4 GBs are analyzed, Fig. 1. Computa-
tional limitations resulted in the maximum Si3zNy4 block size
of 15nm x 15nm x 15nm in all the microstructures. Analyses
focus on the effect of placing SiC particles with respect to various
GB configurations on the strength of the SiC-Si3N4 nanocom-
posites. Periodic boundary conditions (PBCs) are imposed in
all three Cartesian directions. Such setting leads to the com-
posite microstructure boxes shown in Fig. 1 repeating in x—y—z
directions and representing a monolithic bulk composite.

Earlier, it has been reported!>!# that particle size variation
within few nanometers of diameter (2nm vs. 4 nm) as well as
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inter-particle spacing changes within few nm (1 nm vs. 3nm)
does not have significant effect on the SiC-Si3N4 nanocomposite
mechanical strength. Based on these findings, owing to the com-
putational limitations, structures with only one cylindrical SiC
particle size with diameter equal to 4 nm are analyzed. Since pre-
vious calculations revealed that slight changes in inter-particle
spacing do not affect deformation mechanism and strength, the
analyses focused on keeping the SiC particles along GBs within
1 nm spacing. These morphologies are the same as used in the
earlier reported analyses.!>!% Analyses are performed on these
morphologies to maintain continuity with the earlier reports.
Doing so also introduces a very high volume fraction of SiC at
the GBs along the loading direction. This should be taken as
one limitation of the reported study. All SiC-Si3Ny interfaces in
this study are concentrated in a small region. Such placement,
therefore, also helped in understanding the role of SiC—Si3Ny4
interfaces in the nanocomposite mechanical deformation in a
clearer way.

Itis expected that higher inter-particle spacing should change
the deformation mechanism as well as mechanical strength val-
ues. We cannot replicate experimental inter-particle spacing
(>10 nm) owing to the limitations on the size of simulation struc-
ture while performing simulations using a realistic interatomic
potential. Within this respect, the present simulations should be
seen as an extreme case of being able to closely place second
phase particles at precise locations on primary phase GBs. The
resulting deformation mechanisms and mechanical strength val-
ues arising out of such simulations can be used as a guideline for
developing constitutive relations for describing temperature and
phase morphology dependent material behavior in such ideal-
ized settings. Such constitutive relations can be modified based
on experimental considerations and morphologies for a wider
applicability.

SiCO nanocomposites are generated based on the two dif-
ferent types of possible morphologies shown in literature: (1)
morphology in which SiO, nanodomains are separated by
graphitic carbon domain boundaries, 10 Fig. 2(a), and (2) mor-
phology in which SiC and SiO, particles are mixed together,’
Fig. 2(b). In the case of the first type of morphology (type-
1), three different nanodomain sizes (9nm, 6 nm and 4 nm)
with two different domain wall thicknesses (0.5nm S6;, S71,
S8; and 1nm S6;, S72, S8,) consisting of graphitic carbon
are considered. In the case of the second type of morphol-
ogy (type-II), three different samples with three different mean
domain sizes (9nm, 6 nm and 4nm) are considered. Orien-
tation of grains in nanodomains is chosen randomly. In all
instances, 15 nm x 15 nm x 15 nm block size of microstructures
with PBCs imposed in all directions is analyzed. MD simula-
tions are performed using a well established nanocomposite MD
simulations framework. 926

2.1. MD framework

The SiC-Si3N4 microstructures are formed by placing SiC
cylindrical particles in SizN4 blocks that have holes of sizes
corresponding to the SiC particles. Setting up of the SiC—Si3zNy
interface can critically affect the internal stresses in microstruc-

tures. In order to relieve any artificial internal stresses, first SizNy
blocks with the holes were prepared and equilibrated without
the presence of the corresponding SiC cylindrical particles. SiC
particles were separately equilibrated as clusters. After equili-
bration, the Si3N4 block and the corresponding SiC particle were
put together to form SiC—Si3zN4 nanocomposites. Afterwards,
the SiC-Si3Ny4 composite structures were again equilibrated.
Such elaborate equilibration procedure was chosen so that the
stress gradient at the SiC—Si3Ny interface in the nanocompos-
ites was at the minimum. We observed a large stress gradient at
the SiC-Si3Ny interface if the whole nanocomposite structure
was equilibrated without separate equilibration of SiC inclusions
and Si3Ny matrix phase. A gap of 2 A was ensured between
the SiC particles and the corresponding SizN4 block’s hole in
order to prevent additional buildup of the internal stresses. How-
ever, changing the gap did not influence the observed trends and
results. MD equilibration period was determined based on con-
vergence in energy values. Within the MD equilibration time
period we did not observe any phase transformation due to
particle-matrix interactions. In the case of SiCO system, the
microstructures of type-I were generated by placing graphitic
carbon with two different thicknesses (5A and 10A) along
the SiO, phase boundaries. MD equilibration resulted in the
graphitic carbon as well as SiO, nanodomains changing phase
type from being crystalline to being amorphous. For type-II mor-
phology, nanocomposites of SiO; and SiC were generated with
50% volume fraction each. The MD equilibration resulted in
Si0; acquiring amorphous structure while SiC continuing to be
mainly crystalline.

2.1.1. Interatomic potential

Classical MD simulations of Si3zNy + SiC material systems
require an interatomic potential to describe Si-Si, Si—-N, Si—-C,
N-N, C-C, and N-C interactions. The potential should be fitted
to the properties of SizNy, SiC and to an approximation to the
interfacial transitions between these components. Si3N4 fam-
ily consists of two polymorphic members, a and 3. The higher
symmetry B phase has a hexagonal lattice (space groups C2gj,,
N176) with a primitive cell containing two SizN4 formula units
(a=7.606 A, c=2.909 A). The lower symmetry o phase is trig-
onal (space groups C¥3,, N159) and has a primitive cell nearly
twice as large (a=7.746 A, ¢=5.619 A) with twice as many
atoms. The interatomic potentials for SizN4 material system
have been developed by Refs. 27-30. Of all these approaches, we
choose the potential by Kroll?® (based on Tersoff’s potential) to
model B-Si3Ny because of its simplicity and its ability to enable
large scale MD simulations. 3-Si3Njy is chosen because of its rel-
ative abundance in comparison to the « form. This potential has
been shown to be thermally and structurally stable for various
Si—N configurations by Ref. 31. Using this potential we studied
temperature dependence of the elastic modulus of 3-Si3N4. The
results were in accordance with the available trend in the data
from Ref. 32.

Different polytypes of SiC exist at ambient pressure, which
are differentiated by the stacking sequence of the tetrahedrally
bonded Si—C bilayers.>> Among these polytypes, B-SiC (cubic-
SiC) is of much interest for its electronic properties. In particular,
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Fig. 2. Set of Si—-C-O atomistic microstructures analyzed.

in recent years many theoretical and experimental studies have
been carried out to investigate the different properties and
possible applications of this material. Majority of interatomic
potentials developed for SiC material system focus on describ-
ing the material properties of B-SiC.3*37 We choose Tersoff’s
bond order potential to model interatomic interactions in SiC.
For modeling SiO, system we chose another Tersoff potential
form.3® These are well known potential which have been shown
to be applicable to describe temperature dependent mechani-
cal properties of SiC and SiO», respectively. The melting point
of SizNy is approximately 2700K, of SiC is approximately
3100K, and of SiO; is approximately 2000 K. The classical
potentials usually perform very well until approximately 90% of
the melting point temperatures. The simulation temperatures are
approximately within 75% of these temperature values. At the
interfaces of SiC and Si3Ny4 we need to be able to describe Si—C,
Si—Si, C-N, and Si-N interactions. Tersoff’s potential is useful
only for describing the bulk Si—C, Si—Si, and Si—N interactions.
We use potential developed for carbonitrides®® to describe C-N
interactions.

2.1.2. High performance computing and mechanical
deformation algorithm for MD simulations

MD simulations are performed using a modified version of a
scalable parallel code, DL_POLY 2.14.4041 The code has been
modified and tested on a system of 1,000,000 atoms for a model
ceramic matrix composite (Al +Fe,O03) material system and is
benchmarked for scalable high performance classical MD sim-
ulations for large atomic ensembles with millions of atom. The
simulations primarily focus on obtaining virial stress vs. strain
relations and visual atomistic deformation information in order

to delineate the deformation mechanisms. During stretching,
the MD computational cell is stretched in the loading direc-
tion using a modified version of the NPT equations of motion
of Ref. 42. NPT equations ensure that the structure has lateral
pressure relaxed to atmospheric values during deformation. In
this algorithm, the rate of change of a simulation cell volume,
V(¥), is specified using a barostat friction coefficient parameter
n such that

dny 1

& NkpTout2 V()P — Pext)s (1)
and
dV(r) _
o 3n@®V (). 2

Here, P is the instantaneous pressure, Pex; is the externally
applied pressure, N is total number of atoms in the system, kg is
the Boltzmann constant, Tex; is the external temperature, and tp
is a specified time constant for pressure fluctuations. During the
simulations, the system is initially equilibrated at Tex¢ =300 K.
After equilibration, the computational cell is stretched in the
loading direction using 7=0.01ps~! for strain rate of 10°s~!.
This results in a tensile uniaxial stress loading in the x-direction,
while the y- and z-directions have atmospheric stresses imposed
upon the system.

In general, MD’s time step limitations make it unsuitable to
be used as a predictive technique for performing small strain
rate mechanical deformation. High strain rate is a limitation of
MD as a method and results of the MD simulations need to be
interpreted while keeping this in mind. The values of y =0.5 and
Pex¢ =1 atmospheric pressure are used. The values for n and y
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are calculated in trial calculations that focused on achieving the
best balance between simulation time (low 7 results in long sim-
ulation times and vice versa) and pressure fluctuations (high y
results in excessive pressure damping with increase in residual
stresses along periodic boundaries). In the analyses reported in
the manuscript, the MD equilibration time in between the peri-
ods of stretching is chosen as 2.0 ps. The equilibration time for
2 ps is chosen such that the total potential energy fluctuation of
the system with respect to time is minimized. The change in
time from 2 ps to longer did not change the simulation results.
Keeping in mind the limitations of MD simulations in terms
of time-steps we did not see any benefit in using the increased
equilibration period.

3. Mechanical deformation results and analyses

Results of the MD simulations are analyzed by using visuals
observations of defects, by plotting radial distribution functions
(RDFs) and by plotting virial stress—true strain relations. Virial
stress represents internal resistance offered by a material to
an externally imposed load.*> Since virial stress is an internal
quantity, it is also an indicator of the increase in the stress con-
centration caused by the presence of an inhomogeneity in an
otherwise homogenous body. With increase in inhomogeneity
and ensuing stress concentration increase, material strength will
reduce leading to a reduction in peak stress. It is important to
note here that stress—strain based results from MD are at very
high strain rates on very pure idealized samples. Due to high
rates and high purity, strength value predictions are very high
in MD simulations. In the absence of experiments at such high
strain rates as used in MD, it is not possible to verify or deny
MD simulation results. At small scales, experiments such as
nanoindentation tests have also predicted very high strength of
materials. However, the measurements in such experiments have
been performed at very small scales under boundary constraints.
The strain rates in such experiments are also much smaller than
those in MD simulations. In the absence of experimental vali-
dations, MD simulation results can be used to predict trends on
the effect of morphology on strength. Trends from MD simula-
tions have been earlier verified in limited sets of experiments.
By not using absolute values and by only using relative values
of strength (relative to a constant such as Young’s modulus)
obtained from MD data constitutive relations for describing
nanocomposite material behavior can be developed. The pre-
sented analyses only focus on predicting trends with respect to
ideal material strength values due to the presence of features
such as interfaces, GBs, and triple junctions. Predictions made
can only be made using the MD technique used in the present
work. Significant improvements are possible with availability of
verifying small scale experiments.

Fig. 1(a) shows the set of Si—~C—N microstructures analyzed.
Microstructure S1 is a block of Si3N4 with 4 nm cylindrical
SiC particles uniformly dispersed in the middle. Microstruc-
tures S2 and S3 have 4 nm cylindrical SiC particles uniformly
dispersed in the middle of two different types of bi-crystalline
Si3zNy blocks. Microstructures S4 and S5 have a 4 nm cylindri-
cal SiC block placed at the triple junction GB identified in the

figure. The cylindrical SiC particles in all atomistic morpholo-
gies have their (00 1) surface perpendicular to the plane of the
figures. Crystalline orientations of Si3Ny in all structures are
also shown in Fig. 1(a). The microstructures shown in Fig. 1(b)
are the same as shown in Fig. 1(a) with one difference at the
Si3N4 GBs and SiC-Si3Ny interfaces. At the SizN4 GBs a 1 nm
thick layer of N atoms and at SiC-Si3N4 interfaces 5 A thick
layers of C and N atoms, respectively, are placed. The struc-
tures in Fig. 1(a) are referred to have sharp GBs and interfaces.
The structures in Fig. 1(b) are referred to have diffused GBs and
interfaces. A subscript of 2 is used to differentiate structures in
Fig. 1(b) from those shown in Fig. 1(a). As pointed out earlier in
Section 1, non-stoichiometric diffused GB and interface struc-
tures in Fig. 1(b) are analyzed to understand the effect of the
grain boundaries with finite thickness on the overall mechanical
strength of the structures. In experiments such diffused structure
of GBs has been observed earlier.'®

Fig. 2 shows the SiCO microstructures analyzed. As dis-
cussed earlier the SiCO microstructures are generated based
on the two different types of possible morphologies shown in
literature.”~10 In the case of the first type of morphology (type-
1), three different nanodomain sizes (9 nm, 6 nm and 4 nm) with
two different domain wall thicknesses (0.5 nm S6¢, S71, S8 and
I nm S6,, S7,, S8,) consisting of graphitic carbon are consid-
ered. In the case of the second type of morphology (type-II),
three different samples with three different mean domain sizes
(9nm, 6nm and 4nm) are considered. Orientation of grains
in nanodomains is chosen randomly. As pointed out earlier,
geometrically defined structures shown in Figs. 1 and 2 are equi-
librated using canonical ensemble (NVT) equations of motion
based on Nose-Hoover thermostat at three different tempera-
tures: 300 K, 900 K, and 1500 K for 100 ps separately. In the end
we have 48 different structures with 16 structures obtained after
equilibration at each of the three temperatures. Equilibration was
performed such that both the total potential and total kinetic
energy of a structure stops fluctuating as a function of equili-
bration time. An additional imposed requirement was that the
structures become relaxed with smallest possible change in the
structural order as a function of an increase in the equilibration
period.

3.1. Analyses of SiC-Si3N4 nanocomposites

Fig. 3 shows Si—Si and C-C normalized RDFs for S4 and
S4, microstructures after the MD equilibration. Other struc-
tures shown in Fig. 1 (a) and (b) also showed similar attributes
as shown by S4 and S4,, respectively. For both structures,
normalized RDFs for Si—N and Si—C bonds showed similar char-
acteristics as shown for Si—Si bond. Normalized RDFs for N-N
and C-N bonds showed similar characteristics as C—C bond.
As shown, there are insignificant changes in all RDFs after
equilibration at all temperatures in comparison with the initial
un-equilibrated microstructure RDF for S4. In the case of S4,
microstructure, Si—Si (and Si—N as well as Si—C) RDFs remain
unchanged after equilibration at all temperatures. However, C—C
(and N-N as well as C—N) RDFs change significantly as a func-
tion of temperature. The pattern of change includes a shift in
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Fig. 3. A comparison of Si—Si and C—C normalized radial distribution functions (RDFs) before equilibration with those after equilibration at 300 K, 900 K, and

1500 K for microstructures (a) S4 and (b) S4,.

peak as well change in full width at half maximum (fwhm).
Rightward shift of the peaks indicates bond length relaxation
due to overall structural stress gradients that may lead to soft-
ening of the diffused GBs and interfaces. A comparison of the
curves shown in Fig. 3(a) and (b) reveals that the SiC and Siz Ny
bulk phases remain relatively unchanged with change in equili-
bration temperatures. However, in the case of S4, at the Si3Ny
GBs and SiC-Si3Ny interfaces a significant restructuring of non-
stoichiometric C—N phases takes place leading to the changes
shown in the C—C, N-N, and C-N RDFs. This indicates that
sharp GBs and interfaces maintain their structural order and pos-
sibly strength at all temperatures. Based on these results it can
be concluded that the structures with sharp GBs and interfaces
show insignificant change in structural order as a function of
temperature. On the contrary, the structures with diffused GBs
and interfaces show significant structural relaxation that may
contribute to reduction in peak structural strength leading to soft-
ening which may also contribute to increased material resistance
against fracture.

Fig. 4 shows stress—strain plots for all the microstructures
shown in Fig. 1 at 300 K and 1500 K. The trends at 900 K were
in between those shown at 300 K and 1500 K. Microstructure S1
is found to be the strongest microstructure at all temperatures.

The major difference between microstructures S1 and S2 is the
presence of GBs. The GBs facilitate grain sliding based defor-
mation mechanism leading to the lowering of peak strength. In
the case of microstructure S1 the absence of GBs leads to the
absence of GB sliding based deformation mechanism, thereby
making it stronger. Structures S2 and S3 have the same GB
volume fraction and show almost similar peak strength indi-
cating that the orientation of the Si3Ny grains at GBs may not
be an important factor guiding the peak strength. The same is
observed for microstructures S4 and S5. The major difference
between microstructures S1 and S4/S5 is the presence of GBs
as well as the placement and volume fraction of SiC particles.
Structures S4 and S5 have largest volume fraction of GBs lead-
ing to the least strength of the microstructures S1 to S5. Overall,
it is the volume fraction of atoms in GBs that determines the
peak strength with peak strength reducing with increase in the
atomic volume fraction in GBs. It should be noted that sample
sizes are very small resulting in very high GB volume fraction.
The presence of diffused GBs leads to lowering of microstruc-
tural strength. However, the presence of diffused GBs does not
alter the conclusions reached regarding the deformation mech-
anism. The extent of the reduction in strength with an increase
in the number of GBs and interfaces increases with the presence
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Fig. 4. A comparison of virial stress in loading direction as a function of true strain at (a) 300 K and (b) 1500 K for microstructures shown in Fig. 1.

of diffused GBs and interfaces. A comparison of Fig. 4(a) and
(b) reveals that the strength of microstructure S1 increases by
approximately 5% with increase in temperature. The increase
is about 2-3% for microstructures S2 and S3. The strength of
microstructures S4 and S5 reduces with increase in temperature.
The strength of diffused GB microstructures S1; to S5, reduces
uniformly with increase in temperature. The extent of decrease
is of the order of 10-30%. The difference between the sharp GB
and diffused GB structures widens with increase in temperature.

As pointed out earlier during discussions on Fig. 3 results,
structures with diffused GBs have relaxed Si—C, C-N, and Si-N
bond lengths that may contribute to their lower strength as well
as to the reduction in peak strength with increasing temperatures.
Another important factor is the volume fraction of atoms in GBs.
Strength of microstructure S1 with no atoms in GBs increases
with increase in temperature to 1500 K. The increase is very
slight for microstructures S2 and S3, where GBs are now present.
In the case of microstructures S4 and S5, there is no increase
in strength with temperature increase. A conclusion that can be
drawn based on these results is that GBs tend to soften the struc-
ture with increase in temperature. Structures with interfaces and
no GBs on the other hand become stronger. An increase in the
strength for microstructures S1 to S3 with increase in tempera-
ture can be explained by considering deformation mechanisms.
Second phase SiC particles usually act as stress concentration
points in a microstructure. SiC, SizN4 and SiC—Si3Ny4 interfaces
soften with increase in temperature. Correspondingly, the extent
of stress concentration caused by SiC particles reduces with
increase in temperature. This leads to strengthening of struc-
tures at higher temperatures. The effect of stress concentration
reduction is countered by increased GB sliding with increas-
ing temperature. In microstructures S2 and S3, the effect of
stress concentration reduction still dominates. However, in the
case of microstructures S4 and S5, the increased GB sliding
with increasing temperature dominates leading to reduction of
strength. One important result is strength reduction in the case
of microstructures S4, and S5, with increase in temperature.
The difference in material strength between microstructures S4
and S4, (and S5 and S5,) reduces with increase in temperature.
However, due to the presence of diffused GBs, microstructures
S4, and S5, have much higher strength against fracture than

microstructure S4 and S5, respectively. Combining temperature
dependent strength and fracture resistance observations, in this
case, segregation of C and N atomic impurities at GBs leads
to materials with good high temperature strength and fracture
resistance.

Fig. 5 shows Si-Si and Si-C RDFs for the S1 and S4
microstructures after stretching to 20% strain at 300 K, 900 K,
and 1500 K and compares those with the RDFs for the structures
just before equilibration. Normalized RDFs for C—C bonds were
similar as those for Si—C bonds for the respective microstruc-
tures. RDFs for C-N, N-N, and Si—N bonds showed insignificant
change with change in microstructure. From the RDF plots it is
also clear that the bond length shift with increase in tempera-
ture in the case of Si—C RDFs is higher for the S4 microstructure
when compared to those for the S1 microstructure. This indicates
that increased GB sliding may be contributing to the strength of
S4 being less than that of S1 as well as to the strength reduction
of S4 with increase in temperature.

These observations are supported by the plot of deforma-
tion viewgraphs for microstructures S1 and S4 at 300K and
1500 K shown in Fig. 6. Fig. 6 plots the viewgraphs just after
failure at 300K and at 1500K for both microstructures. As
shown in Fig. 6(a) multiple stress concentration sites due to
stress concentration caused by SiC particles lead to signifi-
cant fragmentation. However, the fragmentation is significantly
reduced with increase in temperature and the corresponding soft-
ening of stress concentration. Failure mechanism in the case of
microstructure S4 remains unaffected with temperature increase
with GB sliding being the primary contributor. In all cases, the
second phase particles act as nucleation site of damage.

In order to understand the role of diffused GBs in
the deformation mechanism, the deformation viewgraphs for
microstructures S1, and S4, at 300K are shown in Fig. 7. As
shown, amorphous C and N impurities in diffused GBs are the
points of nucleation of damage. The stress concentration caused
by SiC particles nucleates damage at diffused GB-Si3Ny inter-
faces which quickly spreads to SizN4 phase in microstructure
S1 and to the adjacent GBs in the microstructure S4. Increase
in the amorphous structural order due to diffused GBs leads to
increased GB sliding assisted deformation mechanism facilitat-
ing the lowering of the microstructural strength.
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Fig. 5. A comparison of normalized Si—S and Si—C RDFs before stretching with those after stretching at 20% strain at 300 K, 900 K, and 1500 K for microstructures
(a) S1 and (b) S4. Normalized RDFs for C—C bonds were similar as those for Si—C bonds for the respective microstructures. RDFs for C-N, N-N, and Si—N bonds

showed insignificant change with change in microstructure.

Overall, distribution of SiC particles, volume fraction of
atoms in GBs, and GB thickness play an important role
in temperature dependent mechanical behavior of SiC—SizNy
nanocomposites. The deformation mechanism is a trade-off
between the stress concentration caused by SiC particles and
Si3N4—Si3Nys GB sliding. The temperature increase tends to
work in favor of GB sliding leading to softening of structures.
However, microstructural strength increases with increase in
temperature when GBs are absent.

3.2. Analyses of SiCO nanocomposites

Fig. 8 shows Si-Si and C—C RDFs for microstructures S61
and S9 after equilibration at 300 K, 900 K, and 1500 K temper-
atures and compares those with the corresponding RDFs before
equilibration. The O—O RDFs before and after equilibration at
all temperatures were the same for both microstructures. The
RDFs for microstructures S6,, S7;1, S7,, S8, and S8, showed
similar attributes as shown for the microstructure S6; and, there-
fore, are not shown. The RDFs for S10 and S11 microstructures
showed similar attributes as shown for the microstructure S9
and, therefore, are not shown. It is clear from the Fig. 8(a) that
the microstructure S6; goes through a significant amorphization
during equilibration. The crystalline RDF peaks before equili-
bration turn flat indicating amorphous structure formation after
equilibration. The extent of amorphization shows an insignifi-

cant dependence on the equilibration temperature. In the case
of microstructure S9 (Fig. 8(b)) a partial amorphization of the
microstructure takes place. As shown, peaks are still present
in the Si-Si and C—C RDFs. However, O—O RDFs after equi-
libration indicated complete amorphization. A reason for such
changes can be that SiO; phase becomes amorphous while the
SiC phase remains crystalline after equilibration. It is important
to note here that equilibration indicates the natural evolution of
the microstructure as a function of temperature. While the type-I
SiCO microstructure is completely amorphous the type-II SiCO
microstructure is partially crystalline. As shown later, such a
microstructural difference leads to a significant difference in the
material behavior as a function of temperature and other phase
defining factors.

Fig. 9 shows the stress—strain behavior of the microstruc-
tures S61, S62, S8, and S8, at 300 K and 1500 K. The trends
at 900K were in between those shown at 300K and 1500 K.
Temperature change has an insignificant effect on the mechan-
ical strength with average strength increasing by almost 1-3%
with increment in temperature. It can be concluded that the
microstructural strength is insensitive to temperature variation.
The change in thickness of nanodomain walls from 0.5 nm
to 1 nm leads to reduction in the microstructural strength by
approximately 5%. The extent of reduction in strength with
increase in domain wall thickness increases with temperature
increase.
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(a) 300 K

1500 K

Fig. 6. A comparison of deformation mechanism in microstructures (a) S1 and (b) S4 at 300K and 1500 K.

The morphology related factors responsible for S6, S7, and
S8 microstructures showing softening as a function of reduction
in nanodomains size and as a function of increase in nanodomain
wall thickness can be understood by analyzing the Si-Si, C-C,
and O-O RDFs. Fig. 10 displays Si—Si RDFs for microstruc-
tures S6; (Fig. 10(a)), S6, (Fig. 10(b)), and S8; (Fig. 10(c)) after
stretching to 20% strain at 300K, 900K and 1500 K tempera-
tures and compares these with the corresponding RDFs before
equilibration. Similar trends were observed for C-C and O-O
RDFs. A comparison of RDFs in Fig. 10(a) and (b) reveals that
with increase in nanodomain wall thickness, the Si—Si RDFs are
not significantly affected. However, the extent of crystallinity in
the nanodomain walls (indicated by the height of C—C peaks)

reduces to a significant extent (not shown here). It indicates that
with increase in the nanodomain wall thickness and the resulting
increase in the amorphization the extent of sliding between the
nanodomains increases leading to the softening of microstruc-
tures. A comparison of Fig. 10(a) and (c), however, showed
that the softening due to reduction in grain size is a result of
increased amorphization of the SiO, nanodomains (crystalline
peaks of Si—Si and O—O RDFs (not shown) were higher indi-
cating higher crystallinity). While softening of microstructures
as a function of grain size and as a function of nanodomain
wall thickness could be explained using the RDFs, the tem-
perature dependent hardening cannot be explained. Since the
extent of temperature dependent hardening is not significant, the

(b) 3

Fig. 7. A comparison of deformation mechanism in microstructures (a) S1, and (b) S4, at 300 K.
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Fig. 11. A comparison of deformation mechanism in microstructures (a) S6; and (b) S8; at 300 K and 1500 K.

related changes in RDFs as a function of temperature increase
are insignificant.

In order to understand the role of wall thickness, nanodomain
size, and temperature in mechanical deformation, the deforma-
tion viewgraphs of the structures discussed in Fig. 10 are shown
in Fig. 11. As shown in Fig. 11(a), increase in temperature leads
to fracture being along GBs as well as inside grain interiors. At
300 K, the fracture is solely due to nanodomain boundary sliding
and separation. At 1500 K, however, carbon based nanodomain
boundaries are strengthened. The fracture initiates in SiO; inte-
riors softened by temperature. A combined effect is increase in
strength with increase in temperature. As shown in Fig. 11(b) the
same reasoning can be applied to microstructure S8 as well. A
comparison of plots shown in Fig. 10 earlier shows that temper-
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ature increase dependent strengthening is higher for S6; than
S8;. This is also confirmed in Fig. 11. The structure S81 has
unusually high fraction of C atoms. Therefore, domain bound-
ary strengthening cannot negate the sliding based deformation
mechanism. This directly leads to lesser increase in strength
in comparison to microstructure S6;. The softening related to
grain size reduction can be explained from the observation of
damage in Fig. 11, where a significant damage in both S6; and
S8 microstructure nanodomain walls can be seen as a func-
tion of applied deformation. The damage in the nanodomain
walls reduces with increase in temperature. However, this leads
to greater facilitation of interdomain sliding based deformation
mechanism leading to the softening of these structures with
reduction in grain size.
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Fig. 12. A comparison of virial stress in loading direction as a function of true strain for microstructures S9, S10, and S11 at (a) 300K and at (b) 1500 K.
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Fig. 13. A comparison of normalized Si—Si, C—C and O-O radial distribution functions (RDFs) before stretching with those after stretching at 20% strain at 300 K,
900K, and 1500 K for microstructures (a) S9 and (b) S11.

Fig. 12 shows stress—strain plots for microstructures S9, S10, accordance with the behavior observed for type-I microstruc-
and S11 at 300K and 1500 K. As shown, all microstructures tures earlier. The mechanism is also the same. However, in this
show hardening with increase in temperature and softening with ~ case the magnitude of hardening is much higher. The factor that
reduction in domain size. The softening with reduction in nan- could be attributed to causing such an effect is the presence of
odomain size and hardening with increase in temperature are in SiC domains instead of C based domain boundaries.

(a) 300 K 1500 K

Fig. 14. A comparison of deformation mechanism in microstructures (a) S9 and (b) S11 at 300 K and 1500 K.



V. Tomar et al. / Journal of the European Ceramic Society 30 (2010) 2223-2237 2235

Fig. 13 shows Si-Si, C—C, and O-O RDFs for microstruc-
tures S9 (Fig. 12(a)) and S11 (Fig. 12(b)) after stretching to
20% strain at 300 K, 900 K and 1500 K temperatures and com-
pares these with the corresponding RDFs before equilibration.
The O-O RDFs for both microstructures S9 and S11 show sim-
ilar attributes. However, the Si—Si and C—C RDFs are different
in the extent of amorphization. As shown the amorphization
extent increases with reduction in nanodomain size. The Si-Si
and C—C RDFs for microstructure S9 show sharp peaks remain-
ing after equilibration. However such peaks disappear for the
S11 microstructure with smaller nanodomain size. The strength
hardening with increase in temperature cannot be explained from
RDFs since the temperature related changes in the RDFs are
insignificant. In order to understand the deformation mecha-
nism as a function of grain size and as a function of temperature,
the deformation viewgraphs for the S9 and S11 microstructures
are compared in Fig. 14. The nanodomain wall like structures
important for S6, S7, and S8 microstructures are absent in S9,
S10, and S11 microstructures. Since the SiO; nanodomains are
amorphous, the extent of interdomain sliding is limited only to
the crystalline SiC nanodomains with the sliding increasing with
increase in SiC amorphization. With reduction in grain size the
extent of SiC amorphization increases facilitating the interdo-
main sliding based deformation mechanism. This directly leads
to softening of the microstructures with reduction in grain size.
At all grain sizes failure invariably initiated in SiO; grains.
With increase in temperature the extent of interdomain slid-
ing reduces for all microstructures. This is clear from Fig. 14
snapshots at 1500 K where the fracture initiates in higher num-
ber of locations. Owing to limited sliding, stress concentration
due to deformation is effective in fracture initiation in higher
number of locations in the microstructures. At the same time,
reduced sliding makes the structures stronger against applied
deformation.

Overall, temperature change, the nanodomain wall place-
ment, the nanodomain wall thickness, and nanodomain size are
important factors that directly affect the extent of crystallinity
and the corresponding strength against mechanical deforma-
tion in both types of the SiCO microstructures. Type-II showed
higher sensitivity to domain size change and to temperature
increase. The extent of crystallinity is directly correlated to inter-
domain sliding based deformation mechanism that ultimately
determines the microstructural strength of the SiCO systems
examined.

4. Conclusions

In the present work MD based analyses to understand
the effect of morphology on the mechanical behavior of two
important high temperature material systems at three different
temperatures (300K, 900K, and 1500K) are presented. The
analyses focused on understanding the effect of three differ-
ent structural aspects in the case of SiCN material system: (1)
SizNy crystalline orientation, (2) GB and interface volume frac-
tion (number of GBs and interfaces) and (3) particle arrangement
with respect to the GBs. In the case of SiCO system, analyses
focused on understanding the effect of (1) type of material sys-

tem, (2) nanodomain size and (3) nanodomain wall thickness.
The morphology related factors were found to be strongly cou-
pled with the temperature of study. Results were analyzed using
a combination of mechanical stress—strain curves, RDF plots,
and visual observations of mechanical deformation. The crack
path resistance and fracture resistance could not be analyzed
because of the existence of fault tolerance at the length scale of
study ' However, simple mechanical strength analyses offered
good insights into the phase morphology effect on temperature
dependent microstructural strength.

In the case of SiCN system analyses indicated that the sec-
ond phase particles act as significant stress raisers in the case
of single crystalline Si3zN4 phase matrix reducing the nanocom-
posite mechanical strength. Deformation mechanism consists of
considerable ductile tearing at the SiC—Si3Ny interfaces in all
structures. Strength reduced with increase in the GB and inter-
face atom volume fraction at all temperatures. Strength for some
structures with sharp GBs and interfaces increased with increase
in temperature (S1, S2, and S3). However, structures deform-
ing under strong influence of GB sliding showed decrease in
strength in increase in temperature (S4 and S5). The strength
of structures with diffused GBs decreased with increase in tem-
perature. Without exception, microstructures with diffused GBs
were found to be softer than the microstructures with sharp
GBs. The finding indicated that distribution of SiC particles,
volume fraction of atoms in GBs, and GB thickness play an
important role in temperature dependent mechanical behavior
of SiC-Si3Ny4 nanocomposites. The deformation mechanism is
a trade-off between the stress concentration caused by SiC par-
ticles and SizN4—Si3N4 GB sliding. The temperature increase
tends to work in favor of GB sliding leading to softening of struc-
tures. However, microstructural strength increases with increase
in temperature when GBs are absent.

In the case of SiCO system, the extent of amorphization dic-
tated the primary deformation mechanism of inter nanodomain
sliding for type-I microstructures. In the absence of nanodomain
boundaries type-II microstructure deformation was strongly
influenced by extent of crystallinity. Of the two types of clas-
sifications studied for this material system, the type-I system
with nanodomain walls of C atoms showed strengthening with
increase in temperature, softening with reduction in domain size,
and softening with increase in the nanodomain wall thickness.
Primarily the amorphization of the nanodomain walls facilitated
interdomain sliding. Factors that led to smaller nanodomain wall
thickness resulted in stronger microstructure and vice versa.
Type-II system without nanodomain walls but with SiC and
SiO; particles mixed in the form of nanodomains to form a
composite structure showed softening with reduction in grain
size and hardening with increase in temperature. Type-II showed
higher sensitivity to domain size change and to temperature
increase in comparison to type-I. In all cases the SiO, nan-
odomains were amorphous. The extent of amorphization of SiC
nanodomains was driven by temperature and grain size with
higher amorphization leading to weaker microstructure. Over-
all, temperature change, the nanodomain wall placement, the
nanodomain wall thickness, and nanodomain size are impor-
tant factors that directly affect the extent of crystallinity and the
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corresponding strength against mechanical deformation in both
types of the SiCO microstructures.

Overall, analyses confirm that the temperature dependent
strengthening or softening in both the nanocomposite material
systems is a function of GB/nanodomain wall thickness, par-
ticle placement, grain/nanodomain size, and temperature. It is
important to note here that stress—strain based results from MD
are at very high strain rates on very pure idealized samples. Due
to high rates and high purity, strength value predictions are very
high in MD simulations. In the absence of experiments at such
high strain rates as used in MD, it is not possible to verify or deny
MD simulation results. In the absence of experimental valida-
tions, MD simulation results can be used to predict trends on the
effect of morphology on strength. The presented analyses only
focus on predicting trends with respect to ideal material strength
values due to the presence of features such as interfaces, GBs,
and triple junctions, etc. Predictions made can only be made
using the MD technique used in the present work. Significant
improvements are possible with availability of verifying small
scale experiments.

At the simulation length scale we observed flaw-tolerance.
Therefore, we cannot model the crack path resistance. How-
ever, by increasing the length scale of the simulations crack path
resistance analyses are possible. One way to use the presented
simulations is modeling higher length scale crack path resistance
behavior in a multiscale framework. The trends and maximum
strength values could be supplied in higher length scale mod-
els such as the cohesive finite element method (e.g. Refs. 11,12)
that could predict the crack path resistance while considering the
nanoscale morphology effects. Similarly, temperature depen-
dent material models from the reported simulations could be
used to study creep behavior of the materials at higher length
and timescales. These investigations are subjects of ongoing
work.
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